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Tensile testing and TEIVi analysis of 
nitrogen-strengthened Fe-Ni-Cr single crystals 
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Clemson University, Clemson, SC 29634, USA 

A conventional "abnormal grain growth annealing" heat treatment has been used to 
produce low (0.009 wt %) and high (0.12 wt %) nitrogen single crystalline Fe-40Ni-15Cr wt % 
base alloys. Constant strain-rate tensile tests were carried out in the temperature range 
between 77 and 298 K at two different strain-rates. The results obtained were analysed using 
the standard procedure for the thermally activated glide of dislocations, and the possible 
rate-controlling mechanisms for athermal and thermal nitrogen-induced strengthening have 
been discussed. A conventional two-beam bright-field transmission electron microscope 
was next used to determine the character of the dislocations and their dependence on the 
amount of nitrogen in the alloy. It was found that the dislocations became predominantly 
screw in character as the nitrogen content in the alloy was increased. These findings have 
been discussed in the light of the existing models for the nitrogen strengthening of the 
Fe-Ni-Cr austenite. 

1. Introduction 
A number of previous studies on polycrystalline 
Fe Ni-Cr  base alloys [1 7] revealed that the pres- 
ence of nitrogen in these alloys is associated with 
several important effects. These can be summarized as 
follows: (1) the strength increase due to nitrogen is 
exceptionally high compared to what can be expected 
from the interstitial solid-solution strengthening of the 
fc c alloy systems [1, 2]; (2) the increase in yield stress 
with a decrease in temperature at subambient temper- 
atures is substantially larger compared to its counter- 
part in a typical fc c alloy and in fact approaches that 
observed in the b c c alloys [3]; (3) planar slip is pro- 
moted in the alloys containing nitrogen, even when 
the amount of nitrogen is as small as 0 .03wt% 
[1, 3-7]; and (4) accompanying planar slip is the oc- 
currence of straight dislocations having an almost 
exclusively screw character [1, 5]. Most of these effects 
cannot be accounted for using the conventional con- 
tinuum models for solid-solution strengthening (e.g. 
[1]). On the other hand, our recent work based upon 
the use of atomistic simulations of the nitrogen-dislo- 
cation interactions [8-10] and the analysis of the 
short-range order and its effect on the plastic flow 
behaviour [11], suggests that the nitrogen-induced 
effects can be explained, at least qualitatively. To carry 
out a more quantitative comparison between the the- 
oretical predictions and the experiments, experimental 
data for the Fe Ni-Cr-(N) single crystalline alloys 
are required because the models discussed [-8-11] 
pertain to single crystalline materials. Our liter- 
ature search revealed no experimental data for 
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Fe-Ni-Cr-(N)  single crystals which could be used to 
test the models. 

The objective of the present work was to prepare 
two Fe -Ni -Cr  base single crystalline materials, one 
containing no nitrogen (beyond the trace amounts), 
and the other containing a significant amount of nitro- 
gen. These two alloys were then studied using tensile 
testing and transmission electron microscopy (TEM) 
in order to generate the experimental data necessary 
to understand better the role of nitrogen in the 
Fe-Ni  Cr austenite. 

2. Experimental procedure 
2.1. Preparation of single crystalline tensile 

specimens 
The starting material used in the present work was 
a polycrystalline Fe-40Ni-15Cr (wt %) alloy whose 
chemical composition is given in Table I. The poly- 
crystalline alloy was produced by ingot casting in the 
Materials Processing Laboratory of Sandvic A.B., 
Sweden. After casting, the material was forged into 
87 mm diameter bars at temperatures between 1220 
and 1240~ machined into 77mm diameter x 
200 mm length rounds, and extruded into 15 mm dia- 
meter rods at 1180-1190~ To prepare the strips 
from which flat tensile specimens can be machined, 
rectangular work pieces (~  15 mm x 5.8 m m x  100 mm) 
were first cut from the 15mm diameter rods. 
The pieces were next cold rolled into strips approx- 
imately 3.3 mm thick and annealed at 1000~ for 
1 h. To minimize the contamination of the alloy, the 
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T A B L E  I The chemical compositions (wt %) of the polycrystalline Fe 40Ni-15Cr  wt % alloy used in the present work 

O 
C Si M n  P S Cr Ni Mo A1 Mg p.p.m. N 

0.011 0.28 0.10 0.005 _< 0.003 14.6 39.7 < 0.01 0.033 0.023 31 ~ 39 0.009 

annealing was carried out in an ultra-high purity 
(UHP) argon gas atmosphere. To produce single cry- 
stalline specimens of the Fe-40Ni-15Cr (wt %) alloy, 
we employed the technique based on the abnormal 
grain-growth annealing which is frequently used for 
metallic materials with a high melting point [12]. To 
obtain an initial fine-grained fully recrystallized 
microstructure which is a prerequisite for a successful 
abnormal grain-growth annealing heat treatment, the 
3.3 mm thick strips were cold rolled down to ~ 1 mm 
(~70% thickness reduction), and subsequently an- 
nealed at 1000 ~ for 1 h in the UHP argon gas. The 
flat 10 mm gauge length tensile specimens were next 
machined from the 1 mm thick strips, prestrained in 
tension by about 6%, and then rapidly heated up to 
1300 ~ and kept at this temperature for 100 h under 
UHP argon in the Centorr Vacuum/Inert  Gas Fur- 
nace. This procedure typically resulted in a single 
grain covering the entire gauge length of the speci- 
mens and several grains occupying the specimen 
shoulders. 

Our thermodynamic analysis using the THER- 
MOCALC computer program [13] showed that in 
the Fe-40Ni-15Cr wt % base alloy, the chemical po- 
tential of nitrogen corresponding to a concentration of 

0.12 wt % is in equilibrium with pure gaseous nitro- 
gen at 1.2 atm pressure and 1250 ~ Hence, to obtain 
the single crystalline alloy with a high nitrogen con- 
tent (0.12 wt %), we carried out a 1250~ h heat 
treatment in UHP nitrogen at 1.2 atm pressure. Sub- 
sequent chemical analysis showed that this heat treat- 
ment indeed yielded a nitrogen content in the alloy of 
~0.12wt %. Using the function D = (10 .o.04 x 

10 -Ss~176 cm 2 s- 1 for the nitrogen diffusivity in aus- 
tenite [14], the diffusion distance for nitrogen after 
the nitriding period, t =  24h, is estimated as 
s = ( D t ) i / 2 ~  3.6 ram. Because this distance signifi- 
cantly exceeds the specimen half thickness (~  0.5 ram), 
one can assume that the equilibrium nitrogen concen- 
tration was achieved throughout the entire specimen. 

To summarize, the procedure employed yielded two 
Fe-40Ni-15Cr (wt %) base single crystals: one with 
a low (0.009 wt %) nitrogen content subsequently re- 
ferred as S1 alloy, and the one with a high (0.12 wt %) 
nitrogen content subsequently referred to as $2 alloy. 

2.2. Determination of the orientation 
of single crystals 

To obtain the Schmid factor which is necessary for 
determination of the critical shear stress for the onset 
of plastic deformation, the load direction for each of 
the tensile specimens used had to be determined. In 
the present work, we employed a method which re- 
quires the use of a transmission electron microscope to 
determine the crystallographic character of the load 
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direction in the single crystalline tensile specimen. The 
method involves the following steps. First, the load 
direction is denoted (by placing fiduciary marks) on 
the opposite edges (along the diameter) of the 3 mm 
diameter TEM specimen cut from the tensile speci- 
men. Such marks remain visible after thinning the 
TEM specimens through the use of double jet polish- 
ing. Finally, when the specimen is mounted in the 
TEM specimen holder, it is oriented in such a way that 
the load direction (the fiduciary marks) is aligned 
parallel to one of the two sample tilting axes of the 
holder. To determine the load direction, a number of 
diffraction patterns corresponding to different tilting 
angles about the tilting axis parallel to the load direc- 
tion are obtained while keeping the rotation about the 
other sample tilting axis at zero. Following the pro- 
cedure for the TEM data analysis E8], the correspond- 
ing beam direction B (reverse of the direction of elec- 
tron beam), is determined for each of the diffraction 
patterns. Because the beam direction, B, is always 
perpendicular to the sample tilting axis, or the load 
direction, P, in the present case, the cross-product of 
the two beam directions is used to define the load 
direction, P. Using the method, the load direction 
could be determined within an accuracy of _+ 3 ~ 

2.3. Mechanical testing 
The mechanical tensile testing of the specimens was 
carried out using a servohydraulic Instron 8000 mech- 
anical testing machine equipped with a 66750 Newton 
capacity load cell. Two sets of mechanical tests were 
conducted. To study the thermally activated nature 
of the strengthening by nitrogen, the first set of tests 
was conducted at five temperatures (77, 170, 200, 220, 
and 298 K) and crosshead speeds corresponding to 
t w o  shear strain rates (1.089x 10 .3 and 1.089x 
10-Zs -1) for both the $1 and $2 specimens. The 
subambient testing temperatures were  achieved by 
carrying out the tests in either liquid nitrogen or in 
a mixture of liquid nitrogen and methanol. In order to 
minimize the influence of the errors associated with 
the determination of the orientation of the loading 
direction of the single crystalline tensile specimen on 
the results and reduce the amount of work spent on 
producing single crystals, one specimen was tested 
under more than one testing condition. Towards that 
end, the tensile tests were stopped as soon as the 
plastic deformation was observed. The "deformed" 
specimens were next annealed in an UHP gas using 
the following heat treatment: 100~ h + 200~ 
2 h + 300 ~ h + 400 ~ h, and then reused for 
testing at other temperatures and/or  crosshead speeds. 
To verify that this procedure did not introduce a sys- 
tematic change in yield stress, we retested the speci- 
men at the same condition after several intermediate 



tests at different testing conditions, and found no 
significant change in the magnitude of yield stress. The 
0.2% offset yield stress, cY0.2, was determined in each 
case from the tensile stress versus tensile strain curves 
following the standard procedure. The critical shear 
stress for the onset of plastic deformation was then 
calculated by multiplying the ~o.2 with the corres- 
ponding Schmid factor. 

The second set of tests was used to reveal the effect 
of nitrogen on the strain-hardening rate of single cry- 
stalline specimens of the alloys. The specimens S1 and 
$2 were tested at one temperature (77 K) and one 
crosshead speed (0.00476 mm s - 1) until fracture. 

2.4. TEM observation of dislocations 
The dislocation character and the substructure in the 
single crystalline Fe-40Ni-15Cr  wt % base austenites 
with a low (alloy S1) and a high (alloy $2) nitrogen 
concentration were determined using the conventional 
two-beam bright-field transmission electron micro- 
scopy (TEM) technique. The work was done using 
a Hitachi 600 AB transmission electron microscope 
operating at 100 kV. The tensile specimens tested to 
small strains (e < 2%) at 7 7 K  temperature and 
0.00476 mm s-* crosshead speed were mechanically 
thinned into 0.03 mm thick foil and punched out into 
3 mm diameter discs, which were further thinned until 
perforation using the standard double-jet elec- 
tropolishing technique. A mixture of 10 vol % per- 
chloric acid and 90vo1% methanol, cooled to 
- 4 0  ~ was used as the electrolyte for the double@t 

polishing. The polishing voltage was 15 V. 

3. Results 
3.1. Mechanical testing 
In order to be able to relate the experimental findings 
with the model predictions, it was necessary to convert 
the tensile stress and tensile strain into their shear 
counterparts. This was done as follows. 

As explained earlier, the shear stress can be obtained 
by multiplying the tensile stress with the appropriate 
value of the Schmid factor. Considering the rotation of 
the crystallographic planes during tensile testing, the 
relation between the shear strain, 7, and the tensile 
strain, e, of a single crystal can be expressed as [15] 

1 
7 - cos d?0 {[(1 + ~)2 _ sin2Xo]l/2 _ coss (1) 

where ~o and Xo are respectively, the initial angle 
between the load direction and the slip plane normal, 
and the initial angle between the load direction and 
the slip direction. Angles d~o and Xo had different 
values in the different specimens. 

After differentiating Equation 1 with respect to 
time, one obtains the relation between shear strain 
rate, 9, and normal strain rate, 

(1 + ~)#. ?= 
cos d?o[(1 + ~)2 _ sin 2 )V011/2 

(1 + e)v 
= cos ~0 E(1 + ~)2 _ sin 2 Xo] 1/2L (2) 

where V is the Crosshead speed, and L the gauge 
length of the specimens. At the onset of plastic defor- 
mation, the contribution of plastic tensile strain, ~, to 
Equation 2 can be neglected (~ ~ 0.002 < 1). It should 
be noted that for each specimen having particular 
values of qb0 and Xo, the crosshead speed was deter- 
mined using Equation 2 so that one of the two con- 
stant shear strain rates, ~q = 1.089 x 10 .3 s -1, and 
72 = 1.089 x 10 -2 s-  1, is obtained. Following the pro- 
cedure just described, the (tensile) yield stress versus 
temperature data in our first set of tests were con- 
verted into the (critical) shear stress versus temper- 
ature curves (at a constant shear strain rate), and the 
results are summarized in Fig. 1. 

Next the well-established procedure for the analysis 
of thermally activated motion of dislocations [1, 16, 
17], was utilized to decompose the critical shear stress 
for the onset of plastic deformation into its athermal 
and thermal components. Under the assumption that 
the thermal and athermal strengthening mechanisms 
are associated with very different characteristic length 
scales, the athermal component of the critical shear 
stress, %, and the thermally activated one, qh, can be 
considered as linearly additive, i.e. 

% = "ca + qh (3) 

Typically, the athermal component of the critical 
shear stress, Va, is determined by equating it with the 
experimental critical shear stress at the temperatures 
which are sufficiently high so that the thermal com- 
ponent of the shear stress is negligible. Using the 
high-temperature value for % and the fact that ra 
scales with the shear modulus of the alloy, which is 
readily available [1], one can evaluate the athermal 
shear stress at lower temperatures. Because the shear 
modulus increases moderately and linearly (at least 
within a narrow temperature range) with decreasing 
temperature, the athermal component of the critical 
shear stress, %, increases moderately and linearly with 
decreasing temperature [1]. The thermal component 
of the critical shear stress, qh, at lower temperatures 
can then be calculated, in accordance with Equation 3, 
by simply deducting ra from the experimental critical 
shear stress, ~c. 
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Figure 1 The critical shear stress, "Co, as a function of temperature at 
two shear strain rates in the Fe-40Ni-15Cr  wt % base single cry- 
stalline alloys with low (S 1) and a high ($2) nitrogen concentration. 
( A , x )  S1, ( ~ , 0 )  $2, ( ) ~ _ l . 0 8 9 x l O - 2 s  t, ( _) 
9 =  1-089 x 10-3 s-1. 

5375 



The experimental % versus T curves, Fig. 1, asso- 
ciated with two different shear strain rates 91 = 
1.089 x 10 .3 s -1 and 92 = 1.089 x 10 .2  s -1, are fitted 
using the least squares procedure, to a function ~o 
(MPa) = Ae -BT + CT + D, where temperature T is 
in K. The results of this fitting procedure are shown in 
Table II. 

A careful examination of Fig. 1 suggests that the 
thermal stress in the S1 alloy is negligible at temper- 
atures above 233 K, and thus the experimental critical 
shear stress in this alloy, is equated with the athermal 
shear stress between 233 and 298 K, and is fitted with 
a linear function in the form 

% = - 0.022 50T + 52.13 (MPa) (4) 

Because nitrogen does not change the shear modulus 
significantly [1], the temperature dependence of the 
athermal shear stress found in the S1 alloy is assumed 
also to hold for the $2 alloy in accordance with the 
assumption that the athermal stress scales with the 
corresponding shear modulus. This procedure yielded 
the following temperature dependence of the athermal 
shear stress in the $2 alloy 

"C a -~- - -  0.02250T + 59.51 (MPa) (5) 

The temperature dependence of the shear modulus in 
the polycrystalline Fe-40Ni-15Cr  wt % alloy was re- 
ported to be -0 .045% K -1 [1]. The temperature 
dependence of the athermal stress represented by 
Equations 4 and 5 is assessed as ~ - 0.050% K -  1 
The closeness of the two values confirm that the tem- 
perature dependence of the athermal stress is domin- 
ated by the temperature dependence of the shear 
modulus. 

The thermal component of the shear stress is next 
obtained by subtracting the athermal component 
from the experimental critical shear stress, and is given 
by a function qh(MPa) = A e  - B T  4- CT + D, where 
the coefficients A, B, C, and D are given in Table III. 

Following the procedure for the analysis of the 
thermally activated glide of dislocation, one needs to 
determine the activation volume which is defined as 

where kB is the Boltzmann constant, T the temper- 
ature, ~ (nm 3) the atomic volume (~ = 83/4 for the 
fc c crystal), and A in 9 and Aqh (MPa) are, respective- 
ly, the ln9 and qJth increments. Based upon the qh 
versus T functions given in Table III, the activation 
volume was calculated as a function of the thermal 
stress using Equation 6. The results of this calculation 
are represented in Fig. 2 as a 'cth versus V plot, which is 
commonly referred to as the obstacle profile. 

Next, the 'cth versus T functions at two different 
shear strain rates (Table III) were used to determine 
the activation energy as a function of the the rmal  
stress according to the following equation 

H : - [ ~ l - - ~ n T 1  ~ - k B d A l n g " ~  

(Aln9"~ 
= - 8.63 x lO-S \ ~ . , ] ~ t , ,  (eV) (7) 

The results of this calculation are shown in Fig. 3. 
Kocks et al. [16] pointed out that for many models of 
thermally activated plastic flow, the activation energy 
can be represented by the following phenomenological 
formula 

H =  Ho[1-(z t -2h)P~ ~ (8) 
\~th// J 

where Ho is the maximum activation energy corres- 
ponding to the condition 'cth = 0, "Cth the maximum 
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T A B L E  II  Coefficients A, B, C, and D in the function 
% = Ae  -Bs  + C T  + D 

Alloy Strain A B C D 
rate (s- 1) 

S1 1.089 x 10 -3 62.91 -0.00910 0.04805 29.68 
1.089 x 10 -z 64.58 -0.00751 0.04805 29.68 

$2 1.089 x 10 .3 404.22 -0.02081 -0.02250 59.51 
1.089 x 10 .2 398.38 -0.01390 -0.02250 59.51 
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Figure 3 Activation energy of thermally activated plastic flow as 
a function of the thermal component of the critical shear stress. 
( - - - )  Sl, ( ) s2. 
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(threshold) thermal stress beyond which no thermal 
activation is needed for the motion of dislocations, 
and p and q are the parameters which take on char- 
acteristic values for each particular thermally ac- 
tivated rate-controlling mechanism of dislocation 
motion. Based on the results given in Table III, the 
average value of the threshold thermal stress was 
determined a s  "~th = Zthl T= O- By fitting Equation 8 to 
the H versus qh data shown in Fig. 3, the values of Ho, 
p, and q were determined and the results are listed in 
Table IV. 

The results of the second set of tensile tests, showing 
the entire shear stress versus shear strain curves in the 
two alloys, are given in Fig. 4. The addition of nitro- 
gen clearly enhances the strength and somewhat the 
rate of strain hardening, without affecting the ductility 
significantly. 

3.2. Determinat ion of dislocation character 
A typical dislocation configuration observed in the S1 
alloy containing a low nitrogen concentration is 
shown in Fig. 5. It is apparent in Fig. 5 that there is no 
preferred orientation for the line direction of the dislo- 
cations. According to our atomistic simulation results 
of the dislocation core structure [8 10], the stacking 
fault width in the Fe-40Ni-15Cr  wt % base alloy is 
less than 8 rim. Hence, the individual Shockley partial 
dislocations resulting from the dissociation of a unit 
2~1 1 0) dislocation are not expected to be resolved by 
the conventional two-beam bright-field TEM tech- 
nique at the maximum available magnification of 
x 53000. This explains why the individual partial dis- 

locations are not revealed in Fig. 5. It is customary to 
analyse the dislocations whose dissociated core struc- 
ture is not resolved by the conventional TEM tech- 
nique as if they were the unit dislocations, and this 
approach was adopted in the present work. Along this 
line, because in an f cc  crystal there are six possible 
2~1 10)  type Burgers vectors for a unit dislocation, 
the random distribution of dislocation line directions 
seen in Fig. 5 suggests that the dislocations are pre- 
dominantly of the mixed type, with varying contribu- 
tions of their edge and screw components. 

T A B L E  I I I  Coefficients A, B, C, and D in the function 
"cth = A e  -B~r + C T  + D 

Alloy Strain 
ra te(s-  1) 

A B C D 

S1 1.089 x 10 .3 62.91 -0 .009  10 0.070 55 -22 .45  
1.089 x t0 -2 64.58 -0 .00751  0.07055 -22 .45  

$2 1.089 x 10 3 404.22 -0 .02081  0 0 
1.089 x 10 -a  398.38 0.01390 0 0 

Contrary to the random distribution of mixed type 
dislocations in the S1 alloy with a low nitrogen con- 
centration, the dislocation substructure in the $2 alloy 
containing a high nitrogen concentration was found 
to be dominated by long arrays of parallel disloca- 
tions. An example of such a dislocation array is dis- 
played in Fig. 6a. In addition to the long dislocation 
arrays, shorter dislocation arrays composed of two to 
five dislocations were occasionally observed and these 
short arrays were found to intersect with the long 
arrays, as shown in Fig. 6b. An example of the long 
dislocation array is marked "A", while a short array is 
marked "B" in Fig. 6b. A systematic observation of the 
long and short dislocation arrays from different direc- 
tions confirmed that they are  all associated with 
planar slip, i.e. they consist of parallel dislocations 
gliding on the same slip plane. 

The formation of the dislocation arrays is apparent- 
ly related to the presence of a high concentration of 
nitrogen because similar arrays were not observed in 
the $1 alloy with a low concentration of nitrogen. To 
elucidate the role of nitrogen in the formation disloca- 
tion arrays, we proceeded with the determination of 
the character of the dislocations in the arrays. Toward 
that end, the dislocation configuration shown in 
Fig. 6b was imaged under three additional diffracting 
conditions, and the results are shown, respectively, in 
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Figure 4 Shear stress versus shear strain curves obtained in the 
second set of tests. ( - - - )  S1, ( ) $2, ~ = 1.089 x 10 -3 s -1, 
T = 7 7 K .  

T A B L E  IV Thermal  activation parameters Ho, ~th, P, and q in 
Equat ion 8 

Alloy Ho(eV) "~th (MPa) p q 
designations 

S1 0.094 41.30 1.08 1.43 
$2 0.154 401.30 0.43 1.60 Figure 5 Typical dislocation configuration in the S1 alloy with 

a low nitrogen concentration (c ~ 2%), g = (1 1 1). 
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Figure 6 Dislocation configuration in the $2 alloy with a high 
nitrogen concentration (a ,.~ 2%) under the five imaging conditions: 
(a) B ~ [112], g=( l l l ) ;  (b) B ~ [111], g = (202); 
(c) B ~ [ l l l ] ,  g=(220); (d) B ~ [ l l 2 ] ,  g=( l l l ) ;  and 
(e) B~[ l l2] ,g=(311) .  

Fig. 6c e. Fol lowingthe standard procedure for the 
analysis of TEM data [8-1, the diffracting vector g and 
its relation to the corresponding image were deter- 
mined and indicated for each of the dislocation images 
displayed in Fig. 6a-e. The beam direction, B, in- 
dicated in Fig. 6a-e refers to the approximate beam 
direction, i.e. to the direction of the corresponding low 
index prominent zone axis. 

As mentioned earlier, due to the inability of the 
two-beam bright-field transmission electron micro- 
scope to resolve the individual partial dislocations, the 
dislocations revealed in Fig. 6b e are analysed as if 
they were unit 2(1 10) dislocations. 

Careful examination of Fig. 6b indicates that there 
are five different dislocation types: dislocation a (one 
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T A B L E V The visibility conditions for five types of dislocations a, 
b, c, d, and e marked in Fig. 6b associated with four different 
diffracting vectors g 

Dislocations Diffracting vector, g 

202 220 111 311 

a Visible Invisible Visible Visible 
b Visible Visible Visible Invisible 
c Visible Visible Visible Visible 
d Visible Vis ible  Invisible Visible 

Visible Visible Visible Visible 

of the dislocations in the array A), and dislocations b, 
c, d and e in the array B. In addition, dislocations b, 
c and d form a node at their intersection point and are 
found not to reside on the same slip plane. The 
Burgers vectors for each of these dislocations are 
determined using four two-beam bright-field images 
displayed in Fig. 6b-e. The visibility conditions for 
the five types of dislocations under the four different 
diffracting conditions employed in Fig. 6b-e are 
summarized in Table V. 

Under the assumption that the dislocations are of 
the 2<1 1 0) type, the results shown in Table V are 



used to determine the Burgers vectors according to the 
dislocation invisibility criteria [8, 18, 19]. The Burgers 
vectors of dislocations a, b, c and e were determined 

= a - -  

respectively as: ba = _+ 211 1 0], bb __ 3[0 1 1], bc = 
be = • 211 0 1 ] .  For dislocation d, however, there are 
two possible Burgers vectors, ___2[110] and 
_+2101 1]. Because dislocations b, c, and d form 

a node, the sum of their Burgers vectors must be zero. 
This condition allows the Burgers vector of disloca- 
tion d to be determined as ba = _+ ~[1 ~0]. 

To determine the line direction of dislocations a, b, 
c, d, and e, two TEM images shown in Fig. 6b and d, 
each corresponding to a different beam direction, were 
used. The two-beam conditions corresponding to Fig. 6b 
and d were obtained by slightly tilting the specimens 
from the symmetric condition of the respective prom- 
inent low-index diffraction pattern. The zone axes of 
the two prominent low-index diffraction patterns are, 
respectively, [1 1 1] and [1 1 2]. Using our TEM image 
analysis programme [8], the two beam directions used 
in Fig. 6b and d are determined as [17 19 17] and 
[8 7 16], respectively. As expected, they are respective- 
ly close to the [1 1 1] and [1 1 2] directions. 

The slip plane normal for a dislocation can be 
determined using a number of methods such as (a) 
obtaining the cross-product of the dislocation line 
direction and its Burgers vector (for non-screw dislo- 
cations only); (b) taking the cross-product of the line 
directions of two non-parallel dislocations on the 
same slip plane; (c) taking the cross-product of one 
dislocation line direction and another line direction 
lying on the same slip plane (e.g. the line joining the 
midpoints of two dislocations lying on the same slip 
plane, or the line connecting the end of the one dislo- 
cation to the midpoint of another dislocation on the 
same slip plane), etc. In the present work, these 
methods were complemented by the condition that, 
because the alloy tested has the fc c structure, the slip 
plane for each of the dislocations analysed must be 
one of the {1 1 1} planes. To determine which of the 
{1 1 1} planes is the slip plane for a given dislocation, 
the dislocation line direction and the direction of 
another line on the same slip plane were first deter- 
mined using the TEM image analysis programme [8]. 
The cross-product of the two directions was next cal- 
culated and the result replaced by the nearest <1 1 1) 
slip plane normal: Finally the dislocation line direc- 
tion was recomputed using the same programme [8] 
under the condition that the line direction lies on the 
slip plane already determined. The result of this pro- 
cedure are listed in Table VI. Also indicated in this 

table is the acute angle, ~, between the dislocation 
line direction and the corresponding Burgers vector, 
which can be used to determine the character of the 
dislocation. 

It can be seen from Table VI that all the disloca- 
tions are of the mixed type. However, dislocation a is 
nearly of the screw type while dislocations c and e are 
close to the edge type. In addition, it can be seen that 
dislocations c and e belong to one group of parallel (or 
nearly parallel) dislocations moving on the same slip 
plane. 

As mentioned earlier, the long dislocation arrays, 
such as array A in Fig. 6b, were found to dominate the 
dislocation substructure in the $2 alloy containing 
a high nitrogen concentration. This suggests that these 
dislocations play a major role in the plastic flow be- 
haviour of the $2 alloy. The results shown in Table VI, 
suggest that this type of dislocation is nearly screw in 
character. However, the aforementioned procedure for 
determination of dislocation character is based upon 
the assumption of the elastic isotropy [20], and may 
not be fully applicable to the present case where the 
anisotropy ratio A = 2C44/(Cll- C12 ) is typically 
3.5. To determine the character of these dislocations 
with a higher confidence, we conducted a computer 
simulation study of the TEM image of the dislocation 
a shown in Fig. 6b. The character of the dislocation 
was determined by comparing and matching the 
simulated image with the corresponding experimental 
one. As a part of this work, a computer programme 
which can be used to generate a simulated image of up 
to three dislocations and three stacking fault ribbons, 
based upon the two-beam dynamical image simula- 
tion method [20], was developed [83. The results of 
the simulation can be displayed and/or  printed using 
the Matlab image simulation software [21]. 

A high-magnification bright-field experimental im- 
age of dislocation a, obtained under the two-beam 
condition associated with g = (1 1 1), is shown in 
Fig. 7. By applying the TEM image analysis pro- 
gramme [8], the beam direction and the specimen 
foil normal were determined, respectively, as 
B = [101 11] and F = [1210]. In addition, the fol- 
lowing parameters were determined using the same 
programme the extinction distance ~g = 28.03 nm, the 
normalized deviation parameter w = 1.035, the speci- 
men foil thickness t = 82.4 nm, the anomalous ab- 
sorption coefficient s~r = 0.053. The remaining input 
data necessary for the simulation of the dislocation 
image, the Burgers vector, the slip plane, and the 
dislocation line direction, were defined as follows: 

TAB L E V I Burgers vector b, dislocation line direction u, slip plane SP, and Burgers vector/line direction angle a, for dislocations a, b, c, d, 
and e shown in Fig. 6b 

Dislocation designation Burgers vector b Line direction u Slip plane SP Angel a (deg) 

a +_a/2 [110] [13196] (1 11) 18 
b •  [071] [1413 1] (111) 64 
c +_a/2 [101] [172--63] (111) 68 
d •  [1 ]-0] [4 18 1] (1 1 1) 33 
e +_a/2 [1013 [431] (111) 71 
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Figure 7 A high-magnification image of the dislocation whose im- 

age was simulated, g = (11 1), B = [10111]. 

because in the fcc  structure, the Burgers vector of 
a unit dislocation can only be one of the six 2 (1 1 0) 
directions, and the slip plane normal can only be one 
of the four (1 1 1) directions, we assumed that these 
parameters were determined correctly for dislocation 
a in Table VI. Consequently, the Burgers vector is set 
to 211 1 0] (the vector sense is not considered because 
the images of two dislocations differing only in the 
sense of their Burgers vectors are related by a 180 ~ 
rotation) and the slip plane normal was taken as 
[1 1 1]. The dislocation line direction can be in any 
direction on the slip plane, and therefore has to be 
determined experimentally. Such determination, how- 
ever, can be associated with a significant error. There- 
fore, instead of using the previously determined line 
direction [-13 19 6] shown in Table VI, the line direc- 
tion was systematically varied between I-1 10], corres- 
ponding to the pure screw dislocation, and [112], 
corresponding to the pure edge dislocation. For brev- 
ity, only the simulation results pertaining to the fol- 
lowing three special cases are presented here: (a) dis- 
location a is of the edge type with its line direction 
[1 12]; (b) dislocation a is of the mixed-type with its 
direction given in Table VI as [-13 19 6]; and (c) dislo- 
cation a is of the screw type with its line direction 
[1 10] parallel to the Burgers vector. The simulation 
results for these cases corresponding to the same 
imaging conditions as those associated with the image 
shown in Fig. 7, are displayed in Fig. 8. 

Fig. 7 shows that the experimental image of disloca- 
tion a consists of six complete (contrast) oscillations. 
The dark (dislocation) image on the bright back- 
ground is continuous and wavy. The simulated image 
of the edge dislocation, Fig. 8a, is also oscillatory and 
has six oscillations, but contains discontinuous streaks 
in the ~ 150 ~ direction rather than being continuous 
and wavy. Hence, dislocation a is unlikely to be an 
edge dislocation. In sharp contrast, the simulated im- 
ages for the nearly screw 1-13 196] and the screw 
1-1 10] dislocation displayed, respectively, in Fig. 8b 
and c, show a much higher resemblance to the experi- 
mental image. Taking into account the fact that in the 
simulations, the dislocation is assumed to be straight 
while in the actual specimen, the dislocation has some 
curvature (due to specimen bending, dislocation bow 
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Figure 8 Simulated images of the dislocation Shown in Fig. 7. 

Imaging conditions: g = ( l l l ] ,  B = [ 1 0 1 1 1 ] ,  F = [ 1 2 1 0 ] ,  
w=1.035, t = 8 2 . 4 n m ;  (a) u = [ l l 2 ] ;  (b) u = [ 1 3 1 9 6 ] ;  and 
(c) u = [1 103. 

out, etc.), the agreement between Figs 7 and 8b and c is 
very good. This finding suggests that dislocation a is 
most likely Of screw or nearly screw type, and is 
consistent with the results of our analysis of the Bur- 
gers vector and dislocation line direction shown in 
Table VI. It should also be noted that no major 
changes in the simulated image of the [1 10] screw 
dislocation were obtained when it was assumed that 
this dislocation dissociates into two Shockley partials 
separated by an 8 nm stacking fault ribbon. 



It should be noted that the comparison between the 
simulated images, Fig. 8b and c, and the experimental 
result, Fig. 7, can be used to determine the sense of the 
Burgers vector of dislocation a. Recalling that the 
images of two dislocations differing only in the sense 
of their Burgers vectors are related by a 180 ~ rotation, 
the good agreement between the simulated and experi- 
mental images in Fig. 8b and c and Fig. 7 suggests that 
the Burgers vector of dislocation a is b = ~ E1 101. The 
sense of the Burgers vector could not be determined 
by using solely the dislocation invisibility criteria dis- 
cussed earlier in this section. 

4. Discussion 
The shape of the obstacle profile, Fig. 2, which is 
governed by the magnitudes of the parameters 
p(=0.43), and q(=  1.60), Table IV, as well as the small 
values of the activation volume (<  10 f~) at the highest 
stress levels, suggest that the rate-controlling mecha- 
nism associated with thermal strengthening in the $2 
alloy, is the interaction of dislocations with localized 
misfitting obstacles (apparently nitrogen atoms in the 
present case). As shown by the TEM study of the 
dislocation structure, Fig. 6, the dislocations in this 
alloy are predominantly screw in character, which 
implies that the screw dislocations are less mobile than 
the edge dislocations and hence control the plastic 
flow behaviour in the $2 alloy. This finding is consis- 
tent with our atomistic simulation results [8, 10] 
which show that nitrogen gives rise to a non-planar 
dissociation of the core of a screw dislocation, and 
hence makes it practically sessile. On the contrary, no 
major changes in the core of an edge dislocation were 
observed, i.e. the core remains planar, making the edge 
dislocation very mobile. It is well established that the 
dislocations in the fc c materials move by the nuclea- 
tion and the lateral propagation of the kinks [161. Our 
atomistic simulation study E8, 101, showed that the 
interaction of the edge-type kinks formed along 
a straight screw dislocation with the nitrogen atoms, 
gives rise to an obstacle profile with the activation 
parameters p = 1.00 and q = 1.57 and with an activa- 
tion volume V < 40 ~. Because these results are com- 
parable with their respective counterparts obtained in 
the present experimental work, it appears that the 
interaction of nitrogen atoms with the edge kinks is 
most likely the rate-controlling thermally activated 
mechanism of dislocation motion in the $2 alloy con- 
taining a large concentration of nitrogen. 

For  the S1 alloy containing a small concentration of 
nitrogen, the experimental obstacle profile parameters 
p = t.08 and q = 1.43 (Table IV), agree welI with 
p = 1 and q = 1.5 as predicted by the continuum anal- 
ysis of the dislocation motion by formation of double 
kinks over the primary Peierls barrier [161. These 
results are also in a good agreement with our atomis- 
tic simulation results, p = 0 . 8 6 -  0.87, and q = 1.37, 
for the double-kink formation process El0]. This im- 
plies that the formation of double kinks over the 
primary Peierls barrier is, most likely, the rate-con- 
trolling mechanism for dislocation motion in the 
F e - N i - C r  alloys containing a small concentration of 

nitrogen. This finding is consistent with the larger 
values of the activation volume found in the alloy with 
a smaller nitrogen concentration, Fig. 2. That is, the 
activation volume is inversely proportional to the 
height of the Peierls energy barrier [ 161, and the latter 
is quite low in the alloy with a low nitrogen concentra- 
tion. 

In our recent atomistic simulation study on the 
interaction of nitrogen with dislocations [101, the 
athermal strengthening was found to be the result of 
the interaction between nitrogen atoms and the stack- 
ing fault ribbon of a dissociated dislocation. After 
accounting for the fact that due to a pinning effect of 
the nitrogen atoms on the dislocation, the effective 
nitrogen concentration felt by the dislocation is higher 
than the nominal one, the athermal component of the 
shear stress at 298 K was determined as 
~,[298K = 67.2MPa. This value is in a reasonable 
agreement with the experimental athermal shear stress 
at 298 K, Za1298K = 52.8 MPa, obtained for the $2 
alloy. In the S1 alloy, the athermal stress is lower, 
r,129sK = 44.0 MPa, and this implies that the pres- 
ence of nitrogen increases the athermal stress, while, as 
pointed earlier, not affecting significantly the shear 
modulus of the alloy. 

The shear stress versus shear strain curves of the 
two single crystalline alloys shown in Fig. 4 clearly 
show the elastic and the plastic deformation stages. 
The latter stage extends to large shear strains 
(~  170%). Associated with the extended shear strain 
range of the two shear stress versus shear strain curves 
in Fig. 4 is a quite small rate of strain hardening 
(~  1 M P a / I %  shear strain) in the two alloys. This 
finding can be easily understood, because owing to the 
absence of the grain boundaries, the motion of dislo- 
cations is less inhibited, and because of the small 
thickness of the tensile specimens, the dislocations can 
readily move out of a single crystalline specimen. 
Therefore, the rate of strain hardening which is con- 
trolled by the dislocation/dislocation interactions is 
expected to be low in single crystalline materials, as 
confirmed by the present results. 

The experimental TEM results obtained in the pres- 
ent work, Figs 5 and 6 and Table VI, show that the 
addition of nitrogen promotes the formation of paral- 
lel screw dislocations, forming dislocation arrays (e.g. 
dislocation array A in Figure 6a). As mentioned 
earlier, the predominance of the screw dislocations 
can be related to their lower mobility compared with 
that of the edge dislocations. In other words, because 
of their higher mobility, the edge dislocations quickly 
move out of the crystal while the screw dislocations 
are left behind. In addition, the higher mobility of the 
edge component of a mixed dislocation can cause it to 
convert into a screw dislocation. 

The results shown in Fig. 6b and Table VI also 
indicate that few dislocations, such as dislocations 
c and e, are nearly edge type. Because such disloca- 
tions are exclusively found in the region where two or 
more dislocation arrays intersect with each other, the 
long dislocation array, we believe that they are related 
to the edge kinks formed along the screw dislocations 
as discussed above. 
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The observed planar slip in the $2 alloy containing 
a large concentration of nitrogen, is consistent with 
the short-range order interstitial strengthening model 
proposed by Grujicic and Owen [-11]. Within the 
model, the strengthening is attributed to the partial 
destruction of the local atomic order involving inter- 
stitial nitrogen atoms, when a dislocation moves over 
the slip plane. Owing to the disorder created by the 
first dislocation, the stress required to move the sec- 
ond dislocation on the same slip plane is lower. Other 
trailing dislocations encounter progressively lower re- 
sistence to their motion, and this promotes planar slip. 
The short-range order strengthening model further 
predicts a drop in the stress versus strain curve at the 
onset of plastic deformation and a lower strain-hard- 
ening rate in single crystalline alloys containing a higl~ 
nitrogen concentration. Our experimental results 
shown in Fig. 4, however, do not show any evidence of 
either a stress drop or a lower strain-hardening rate for 
the $2 alloy. These discrepancies are discussed below. 

It should be noted that although the first disloca- 
tion destroys the local short-range order and reduces 
the frictional shear stress for the trailing dislocations, 
it also repels the trailing dislocations, and hence op- 
poses their motion. The effect of dislocation repulsion 
becomes particularly important when the leading dis- 
location is blocked or becomes sessile. Our atomistic 
simulation results [8, 10] revealed that nitrogen may 
cause a non-planar dissociation of the core of the 
screw dislocations, rendering them sessile. Under such 
conditions, dislocation repulsion may become signifi- 
cant and prevent a drop in stress at the onset of plastic 
deformation, or a lower strain hardening from occur- 
ring in the single crystalline alloys containing a high 
nitrogen concentration, such as the $2 alloy used in 
the present work. 

The observation of parallel dislocations moving on 
the same slip plane was previously reported in the 
polycrystalline Fe N i - C r - N  alloys [1, 3-7], but not 
in single crystals. Formation of a dislocation array or 
pile-up is generally believed to be the result of a block- 
age of the leading dislocation in the array by a grain 
boundary which causes a pile up of the trailing dislo- 
cations. However, in single crystalline materials, there 
are no grain boundaries, and the formation of a dislo- 
cation pile-up is not common. Formation of (screw or 
nearly screw) dislocation pile-ups in the single crystal- 
line $2 alloy containing a high nitrogen concentration 
implies that the leading dislocation is either blocked 
by its interaction with the dislocations of another 
array whose slip plane crosses the slip plane of the 
former array, and/or  it becomes sessile due to some 
changes in the dislocation core. The TEM results, 
Fig. 6a-e, provide evidence for the former mechanism 
of dislocation pile-up formation, while our atomistic 
simulation results [8, 10] showed that nitrogen can 
cause the screw dislocation core to dissociate into 
a non-planar configuration and become sessile. 

5. Conclusions 
Based upon the experimental results of the tensile tests 
and the TEM examination of the dislocation charac- 

ter and substructure in the single crystalline 
Fe -Ni -Cr  austenitic alloys containing traces and 
a high concentration of nitrogen, the following con- 
clusions can be drawn. 

1. Nitrogen makes both athermal and thermal con- 
tributions to the strength of the single crystalline 
Fe Ni Cr N austenite. 

2. Lower mobility of the screw dislocations com- 
pared with the edge dislocations in the alloy with 
nitrogen, which was predicted by the atomistic simula- 
tion of the interaction of dislocations with nitrogen 
atoms [8], is most likely the cause for the predominant 
occurrence of screw or nearly screw dislocations in the 
alloy. 

3. The rate-controlling thermally activated mecha- 
nism of plastic deformation in the Fe -Ni -Cr  austenite 
containing nitrogen, is the interaction of edge-type 
kinks formed along the sessile screw dislocations with 
nitrogen atoms. In contrast, thermally activated nu- 
cleation of double kinks over the primary Peierls 
barrier appears to be the rate-controlling mechanism 
for the plastic flow in the Fe Ni Cr austenite without 
nitrogen. 

4. The absence of the stress drop at the onset of 
yielding, and the absence of a lower strain-hardening 
rate as predicted by the short-range order strengthen- 
ing model, can be attributed to the repulsive interaction 
between parallel dislocations gliding on the same plane. 
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